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Improving ductility without sacrificing strength remains challenging for brittle molybdenum and its alloys.
Titanium-zirconium-molybdenum alloy with the micro-nano-scale secondary phases (MN-TZM) was prepared
using titanium sulfate, zirconium nitrate, fructose, and molybdenum powder as raw materials. The elongation at
failure of the MN-TZM alloy was increased by 2.3 times to 15.1% without sacrificing strength. The fracture of the
MN-TZM alloy exhibited cleavage and ductile tearing characteristics. Transmission electron microscopy and

electron backscatter diffraction results indicate that dislocations can slip along the (110) plane at different
strains, bypassing or even passing through the micro-nano-scale secondary phase (MN-SP) in MN-TZM alloys.
The stacking faults and dislocation junctions of the MN-TZM alloy substructure avoid stress concentration and
enhance the deformation ability. This study provides theoretical guidance for the industrial production of high-
performance secondary-phase dispersion-strengthened structural materials, linking process-structure-properties

relationships.

1. Introduction

Increasing ductility without sacrificing strength has been a key goal
for traditional engineered structural materials used in various critical
applications. To this objective, researchers have adopted a variety of
strategies, such as the formation of nanometer twins [1,2], a dispersed
secondary phase [3,4], atomic clusters [5,6], gradient structures [7,8],
other structures [9], metastable structures, and bimodal/multimodal
grain structures in the matrix. Introducing a dispersed secondary phase
into the alloy has attracted much attention due to its universal appli-
cability in many alloy systems [10-12]. It is expected to pin and accu-
mulate many dislocations, thereby increasing the strain hardening rate
and the plastic deformation ability of the alloy [12,13]. In addition, the
interaction between dislocations and uniformly distributed secondary
phases (Orowan rings or particle shearing) can also enhance the matrix
properties [14]. For molybdenum (Mo), the high-temperature mechan-
ical properties and high-temperature microstructure stability due to
dispersed secondary phase expand its applications [15]. Despite

molybdenum alloys’ high strength and hardening levels, their ductility
is limited at medium or low temperatures. Commercial Mo alloys suit-
able for mass production typically have a uniform elongation of only a
few percent before fracture. Insufficient ductility is a well-known per-
formance flaw restricting its engineering applications [16]. For example,
poor ductility and radiation-induced embrittlement are significant
problems in the nuclear field [17-19].

Improving the ductility of Mo alloys near room temperature has been
an important research goal in recent decades. Researchers often choose
complicated Mo alloy systems [20] or are keen on processes with tiny
yields and long processing cycles [12]. For example, improving the
plastic flow properties of Mo by adding rhenium (Re) as a solute element
effectively promotes dislocation motion, but this approach leads to
softening and is costly due to expensive Re [21]. Adding a small amount
of oxide or carbide particles to Mo acting as grain refiners results in
smaller grain sizes than unalloyed products. For example, the grains of
Mo alloys can be refined by adding AlyO3 [22-24]. The ductility of the
specimen can be improved by adding spinel (MgAl,04) to the Mo matrix
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[25]. Adding LayO3 or other rare earth oxides to Mo can increase its
recrystallization temperature, purify grain boundaries, and improve its
mechanical properties [26-28]. The addition of carbides to these alloys
is less studied, mainly limited to TiC additives. Adding nano-titanium
carbide to titanium-zirconium-molybdenum (TZM) alloys supple-
mented by field-assisted sintering technology can refine grains and in-
crease hardness [29].

However, the above studies focus on improving the properties of Mo
alloys using one or several additives that are not commonly used in
industrial production or employing cumbersome preparation processes
that are not suitable for mass production. The researchers did not
address the room temperature brittleness of Mo alloys, which are widely
used in engineering applications. This research is based on the TZM alloy
(0.4-0.8 wt% Ti, 0.06-0.12 wt% Zr, 0.01-0.04 wt% C), one of the most
widely used Mo alloys in the industry. This study prepared a TZM alloy
(abbreviated as MN-TZM alloy) with a micro-nano-scale secondary
phase (MN-SP). The control group is a conventional micron-scale sec-
ondary phase (M-SP) TZM alloy (referred to as the TZM alloy).
Compared with the TZM alloy, the MN-TZM alloy has a smaller grain
size and more uniform secondary phase distribution, and its room
temperature elongation is 2.3 times higher than conventional TZM. This
doping method to prepare dispersion-strengthened alloys using solu-
tions instead of powders can be used for other dispersion-strengthened
alloy systems and is suitable for industrial production.

2. Experiment procedure

The melting point of refractory Mo metal is 2610 °C, and powder
metallurgy is usually used to prepare Mo alloys. Powder metallurgy is a
technology that uses metal powder or a mixture of metal and non-metal
powders as raw materials to manufacture metals, composite materials,
and various products. The raw materials used for preparing MN-TZM
alloy include titanium sulfate (~0.6 wt% Ti), zirconium nitrate (~0.1
wt% Zr), organic carbon source fructose (~0.04 wt% C), and high-purity
Mo powder. The high-purity Mo powder used in the experiment has a
purity > of 99.95%, a particle size of <7 pm, and the grade is FMo-1.
Titanium sulfate and zirconium nitrate were both white powders with
particle sizes of <13 pm. The alloy composition of the MN-TZM alloy
powders is shown in Table 1. The doping raw materials were mixed with
a solution of deionized water and anhydrous ethanol, mixed with Mo
powder by solid-liquid doping, and stirred by hand for 15 min. The
weight ratio of deionized water and anhydrous ethanol solutions for
mixing MN-TZM powders was 1:1. The mixture was dried in a DZ-2BCIV
vacuum oven at 100 °C for 1 h to evaporate excess water. After drying,
the mixed alloy powder was placed in a quartz tube filled with 99.99%
hydrogen and was reduced in an SK2-8-17TPD3 tube furnace at 700 °C
for two hours and then cooled to room temperature with the furnace.
The purpose was to remove the impurity elements S, N, and O from the
mixed alloy powder. TZM alloy raw materials include titanium hydride
(~0.6 wt% Ti), zirconium hydride (~0.1 wt% Zr), and fructose (~0.04
wt% C). The TiH, powder and ZrH; powder used in the experiment were
both black-gray powders with particle sizes of <25 pm, and the grades
are THP20-1 and FZH-1, respectively. The alloy composition of the TZM
alloy is shown in Table 1. The alloy powder was placed into a nitrogen-
filled plastic bottle and mixed in an SYH three-dimensional mixer for
100 min.

To ensure the fluidity of the alloy powder and improve the unifor-
mity of mixing, the above two alloy powders were ball-milled in a
PMQWA4L planetary ball mill at 40 rpm for 2 h; the balls-to-material ratio

Table 1
Composition design of TZM alloy (g).

Fructose Ti(SO4)2 Zr(NO3)4 TiHy ZrH, Mo
MN-TZM 1 30 3.73 - - 1000
TZM 1 - - 6.25 1.02 1000
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was 2:1, and the Mo ball diameter was 4-10 mm. After ball milling, the
alloy powder was filled into a custom-made rubber grinding tool, and
the LDJ2150/3000-250YS cold isostatic press was used for compression
molding at 180 MPa pressure applied for 10 min. The compact was
placed in an HM3002 medium frequency induction sintering furnace
filled with 99.99% hydrogen for sintering and densification. The sin-
tering process is shown in Fig. 1. Mo alloy powder undergoes a series of
physical and chemical changes during the sintering process: evaporation
of moisture or volatile organic substances, removal of adsorbed gases,
stress relief, reduction of surface oxide powder particles, mass transfer
between particles, and grain growth [30]. Therefore, the process is
divided into 4 stages to ensure that each process is completed in a
hydrogen furnace. The thickness of the sintered billet is 12 mm, and the
rolling process includes hot rolling and cold rolling: hot rolling at
1300 °C, from 15.6 mm to 3.9 mm (annealing at 850 °C); warm rolling at
600 °C, from 3.9 mm to 1.3 mm (annealing at 850 °C and alkali
washing); cold rolling at 400 °C, from 1.3 mm to 0.5 mm. The shape and
size of the tensile test sample is shown in Fig. 2a. To remove internal
stress in the alloy, the rolled plates were annealed under argon protec-
tion at 950 °C for 2 h. The non-reducing gas of argon cannot remove the
oxide scale on the surface of the alloy, so it causes very slight oxidation
on the surface of the tensile sample, which does not affect the me-
chanical property test.The elongation at failure and ultimate tensile
strength of the two alloy sheets were obtained using the Instron8801
electro-hydraulic servo testing machine, and three repetitions were
performed. To observe the deformed structure of the alloy at different
strains, the elongation at failure was divided into 5 equal parts, and 5
samples were tested to different maximum strains. After determining the
maximum strain at failure, other samples were tested at lower strain
levels to characterize their deformed structure, as shown in Fig. 2. The
samples were painted with white paint for better contrast needed for
strain measurements. All tests were performed in air at room tempera-
ture.The samples prepared for SEM detection were hand-polished and
wiped against the surface using a corrosive solution (NaOH: Kg[Fe
(CN)gl: HoO = 1: 1: 10 wt%). The samples prepared for EBSD detection
were hand-polished and corroded by electrolysis in a specific electrolyte
(H2S04: CH3CH0H: Hy0 = 1: 2: 5 wt%) at the voltage of 12 V for 80 s.
Samples prepared for TEM detection were hand-ground to 30-50 pm
and then thinned through the double-jet electrolytic thinning
instrument.

A Gemini SEM 300 field emission scanning electron microscope
equipped with an electron backscatter diffraction (EBSD) and energy
dispersive X-ray spectroscopy (EDS) systems were used to observe the
microstructure of the alloy and to analyze the secondary phase
composition. EBSD data acquisition time is 40 min per sample, and the
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Fig. 1. Mo alloy sintering process.
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Fig. 2. Tensile samples of the Mo alloys subjected to different maximum strain: (a) shape and size of the tensile test sample (mm), (b) MN-TZM alloy, (c) TZM alloy.

data were analyzed using the Channel 5 software. The microstructure
features of the alloy were observed by the Talos F200X field emission
transmission electron microscope. The average grain size of the Mo alloy
sintered samples was measured by the intercept method. The average
grain size of rolled and tensile sheets was calculated through Channel 5
software.After the material is violently deformed, the misorientation
angle in each part of the grain is very large. Annealing reduces the
misorientation angle in tiny areas inside the grain. If the misorientation
of each adjacent micro-region in the grain is large, it is deformed grain. If
micro-regions with large misorientation and micro-regions with small
misorientation coexist in the grain, it is substructured (subgrains). If
there is almost no misorientation between each adjacent micro-region
inside the entire grain, it is recrystallized grain. Specifically, in the
Channel 5 software, grains with an average misorientation >7.5 are
identified as deformed grains, >1 < 7.5 are identified as substructured,
and <1 are identified as recrystallized grains.

3. Results and discussion
3.1. Microstructure analysis

Fig. 3 shows the typical microstructure of the MN-TZM and TZM
alloys, including sintered billets and rolled sheets. As seen in Fig. 3a, b,
the microstructure of the sintered billets of both alloys contains equi-
axed crystals, a secondary phase of oxide particles, and pores. The
microstructure of the rolled sheets of the two alloys contains broken
grains and secondary phases. The secondary phases in the MN-TZM alloy
are uniformly distributed in the matrix, while the large-scale secondary
phases in the TZM alloy tend to be distributed at grain boundaries. From
the EDS results, the secondary phase of the two alloys is mainly oxides. It
is worth noting that the M-SP in the TZM alloy was cracked during
rolling (Fig. 3d), which did not occur in the MN-TZM alloy (Fig. 3c). The
brittle oxide secondary phase is difficult to deform with the plastic
deformation of the alloy, and for the MN-SP it is easier to maintain its
original shape due to its smaller stress area. As seen in Fig. 3, the average
secondary phase particle size of the MN-TZM alloy sintered billet is 900

+ 91 nm, and the average grain size is 18.0 & 4.8 pm, while for the TZM
alloy the corresponding values are 2.4 + 8.3 pm and 25.6 + 3.6 pm. The
size of the secondary phase particles of the MN-TZM alloy rolled sheet is
further reduced to 740 + 42 nm, while the secondary phase particles’
size of the TZM alloy rolled sheet is 2.4 + 6.7 pm. The average grain size
of the MN-TZM alloy is reduced by 29.7% compared with the TZM alloy.
This indicates that the hindering effect of MN-SP on grain growth of the
TZM alloy is more evident than the M-SP. The XRD patterns are shown in
Fig. 3e, f. Only the characteristic peaks of Mo have been found. The XRD
method cannot detect a phase with a content of <1%, and the amount of
each element added in both molybdenum alloys was <1%, so they
cannot be identified.

3.2. MN-SP hinders the growth of Mo alloy grains

Fig. 4 is a schematic diagram illustrating the hindering effect of the
secondary phase particles on grain boundary migration. Let’s assume
that the secondary phase is spherical with radius r, and assume that the
grain boundary has shifted to the right from the position shown in
Fig. 4a to the position shown in Fig. 4b. Due to the pinning effect of the
secondary phase particles, the part of the grain boundary in contact with
the secondary phase particles lags behind other parts. The leftward force
F in N exerted by the secondary phase on the grain boundary is the
reason why the migration of the grain boundary is hindered. If equi-
librium is reached in the state shown in Fig. 4, the magnitude of this
force F must be equal to the horizontal component of the total interface
tension. As shown in Fig. 5b, ¢ is the interfacial tension in N/m, the
perimeter length of the grain boundary in contact with the particle is
2zr cos &, the total tension is 2zr cos @ o, and its component force in the
horizontal direction should be multiplied by sing. f=90° + @ — a, so
sinfi = cos (90° — f) = cos (@ — @), the equilibrium condition should be
[31-33]:

F = 2nrcos@ocos(a — @) 1

However, @ varies with the relative position of the grain boundary
and the secondary phase. The contact angle a depends only on the
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Fig. 3. SEM images of the Mo alloys microstructure: (a) MN-TZM alloy sintered sheet, (b) TZM alloy sintered sheet, (c) MN-TZM alloy rolled sheet, (d) TZM alloy
rolled sheet, (e) XRD patterns of MN-TZM alloy, and (f) XRD patterns of TZM alloy.

interfacial energy between the secondary phase and the grains and has a
constant value that depends on the properties of the secondary phase. If
@ takes the maximum value, let df/d @ = 0, then @ = a/2, combined
with the eq. (1), the maximum value Fq, of the force between the
secondary phase particle and the grain boundary can be obtained as in
[31-33]:

Fax = 7wro(1 + cosa)

@

If there is only one secondary phase particle, then the maximum
resistance to grain boundary movement should mainly depend on the
particle size r, based on Eq. (2). However, for the whole structure, the
average speed of grain growth is w3not only related to the secondary
phase size but also closely related to the number of secondary phase
particles per unit volume in the metal structure. If the total volume
occupied by the secondary phase is fixed, the smaller the secondary
phase particle size, the greater the number of particles. The relationship
between the limit size d of grain growth and the volume fraction f and
the radius r of the secondary phase is [31-33]:

4 r

dz§f(l + cosa)

3

When the volume fraction f of the secondary phase in the alloy is
constant, the smaller the radius r of the secondary phase, the smaller the
grain size d of the alloy. When the radius of the secondary phase is
constant, the larger the volume fraction of the secondary phase in the
alloy, the smaller the grain size of the alloy.

Previous research showed that the secondary phase appeared from
775 °C in the TZM alloy [20,34]. Therefore, the secondary phase in the
alloy hinders the growth of grains during sintering. The volume fractions
of alloying elements in the two Mo alloys studied in this paper are the
same. Compared with the TZM alloy, the secondary phase particles of
the MN-TZM alloy are finer, more uniformly distributed, and more
numerous. The MN-SP uniformly distributed in the aggregates have a
strong hindering effect on grain growth. The M-SP in the TZM alloy is
more distributed in the grain boundary and has a less hindering effect on
bulk diffusion. This is consistent with the conclusions of the literature
report [12].

Fig. 5 shows the EBSD analysis of two types of Mo rolled sheets after
annealing. In Fig. 5a and e almost all deformed grains are elongated
along the rolling direction, with the average grain size of 1.43 &+ 5.4 pm
for the MN-TZM alloy and 1.89 + 8.7 pm for the TZM alloy. Recrystal-
lization is the process experienced when a deformed structure develops
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Fig. 4. Schematic diagram of the hindering effect of the secondary phase
particles on grain boundary migration: (a) The relative position of the sec-
ondary phase and the grain boundary before migration, (b) grain boundary
migration is hindered by the secondary phase. Adapted from reference [31].

into a new grain structure through nucleation and motion of high-angle
boundaries driven by stored deformation energy [35]. Partially recrys-
tallized grains were observed in the rolled and annealed sheets of both
alloys (black circled area in Fig. 5a, e), and their proportions were 21.1%
for the MN-TZM alloy and 37.3% for the TZM alloy, respectively
(Fig. 5d, h). Recrystallized grains appeared in both alloys after annealing
at 950 °C, indicating that the rolling process left high internal stress in
both alloys. Compared with TZM alloys, MN-TZM alloys have fewer
recrystallized regions because the uniformly distributed MN-SP hinders
grain boundary migration during recrystallization more significantly
than M-SP.

The driving force for the recrystallization of metals is the distortion
energy stored in the matrix after deformation, and the resistance is the
grain boundary energy. The recrystallized core can be the original high-
angle grain boundary, the high-angle sub-grain boundary formed
gradually by the growth of the sub-grain, and the high-angle sub-grain
boundary already existed in the deformed aggregate. The recrystalliza-
tion temperature of metals is the minimum temperature at which
recrystallization can be completed within a specified time, or the
recrystallization reaches a specified degree (such as 95%). Compared
with the TZM alloy, the secondary phase particles of the MN-TZM alloy
are finer, more uniformly distributed, and more numerous. Therefore,
the barrier of the MN-SP to grain boundary migration is more substantial
in the MN-TZM alloy, which makes the grain size of the MN-TZM alloy
after annealing smaller than the TZM alloy. More deformed regions in
the MN-TZM alloy also provide the possibility for the subsequent sub-
structure value-added.

3.3. Tensile properties at room temperature

The room temperature true stress-strain tensile curves of the studied
alloys are shown in Fig. 6a. The MN-TZM alloy exhibits ultra-high
plasticity of 15.1% without loss of strength, which is 2.3 times higher
than the TZM alloy. The two types of Mo alloys have almost the same
strain hardening rate, while the MN-TZM alloy has better ductility. Fig. 7
shows the room temperature fracture surfaces of the two types of Mo
alloys. It can be seen that the macroscopic fracture of the MN-TZM alloy
is an uneven surface. The dimples perpendicular to the principal stress
direction contain MN-SP particles, and the transgranular fracture
cleavage plane is also present. The fracture of the MN-TZM alloy exhibits
the characteristics of cleavage surface and ductile tear, which is a
mixture of cleavage and quasi-cleavage fracture [36].

International Journal of Refractory Metals and Hard Materials 112 (2023) 106152
3.4. Fractography analysis

Researchers [42] divide the secondary phase particles into three
categories according to their diameter: large particles (d > 1 pm); me-
dium particles (0.01 pm < d < 1 pm); small particles (d < 0.01 pm). For
the formation of microcracks, under the same conditions, the larger
secondary phase particles easily form microcracks. Even if micropores
are formed around the small secondary phase particles, it is not easy to
grow because the sub-plastic zone is not easy to form. Assuming that
when the tensile stress cutting through the interface between the sec-
ondary phase particles and the matrix reaches the critical stress o, the
secondary phase particles are separated from the matrix and micro-
scopic pores are formed. It can be deduced that the macroscopic strain ¢,
used to characterize the initiation of the holes is:

__Tp (Cc = On
o

Here, r;, is the particle radius of the secondary phase, b is the Burgers
vector, G is the shear modulus, and oy, is the applied mean stress. It can
be seen that when other parameters remain unchanged, the smaller the
particle radius r, of the secondary phase in the matrix, the smaller the
macroscopic strain &, of hole initiation is. Compared with TZM alloys,
the studied MN-TZM alloys have average secondary phase particles with
an average size d < 1 pm, making the MN-TZM alloys produce much
smaller hole-initiated macroscopic strains during tension than TZM al-
loys. Compared with TZM alloy, MN-TZM alloy is less prone to cracks
during plastic deformation.

When the applied external force is large enough, the dislocation
loops move toward the MN-SP particles. Micro-voids are formed when
the accumulated elastic strain is sufficient to overcome the interfacial
bonding force between the MN-SP particles and the Mo matrix to form a
new surface. The formation of microscopic holes significantly reduces
the repulsive force received by the following dislocations so that a large
number of dislocations move to the newly generated microscopic holes
under the action of external force, resulting in the growth of microscopic
holes. The dislocation source located initially behind the dislocation
loop is reactivated due to the disappearance of the original stacking
dislocation restraint, resulting in a new dislocation loop. Since disloca-
tions can accumulate on different slip planes, microscopic holes can be
formed by the movement of dislocations on one or several slip planes.
The dislocations on other slip planes move toward the microscopic holes
and make them grow. The microscopic holes formed inside the Mo
matrix grow continuously under the action of externally applied shear
stress. The cross-section of the matrix before several adjacent micro-
scopic holes continues to shrink until they are connected and lead to
fracture, eventually forming a dimple fracture morphology. Due to the
high strain hardening rate of Mo, necking is difficult to occur, leading to
the generation of more microscopic pores and making the dimples
smaller and shallower, as seen in Fig. 7b.

It can be seen from Fig. 5, and Fig. 7 that the proportion of recrys-
tallized grains in the TZM alloy rolled sheet after annealing reaches
37.3%, and that of the MN-TZM alloy is 21.1%. This results in an average
grain size of 1.89 pm for the TZM alloy compared to only 1.43 pm for the
MN-TZM alloy. From the energy point of view, the first condition for
cracks due to dislocation merging is that the Frank-Read (F-R) disloca-
tion source in the vicinity of the crack cannot be easily activated to avoid
the relaxation of elastic energy. In the body-centered cubic TZM alloy,
due to the inclusion of multiple slip systems, only when a large number
of dislocations are suddenly generated and collapsed together, can the F-
R dislocation sources near the cracks be too late to activate.

Based on the above assumptions, Cottrell [43] proposed the dislo-
cation reaction theory. The nucleation of cracks is automatic, and the
fracture of crystals depends on the growth and propagation of cracks.
The calculation result is:

o,k,d” = pyG 5)
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Fig. 5. EBSD analysis of annealed Mo alloy rolled sheets: (a) Inverse pole figure (IPF) diagram of the MN-TZM alloy, (b) Kernel average misorientation (KAM)
diagram of the MN-TZM alloy, (c) grain boundary diagram of the MN-TZM alloy, (d) recrystallized, sub-structured, and deformed composition diagram of the MN-
TZM alloy, (e) IPF diagram of the TZM alloy, (f) KAM diagram of the TZM alloy, (g) grain boundary diagram of the TZM alloy, (h) recrystallized, sub-structured, and

deformed composition diagram of the TZM alloy.

Here, oy is the yield stress, k, is the Hall-Petch slope, d is the grain
diameter, y is the effective surface energy, G is the shear modulus, and g
~ 1 when deformation is tensile. The condition for brittle fracture of the
material is that the left side of eq. (5) is greater than the right side.
Increasing the grain diameter d can lead to brittle fracture of the metal
when other parameters remain unchanged. The MN-TZM alloy sheets
are less prone to brittle fracture than the TZM alloy sheets because the
average grain size of the annealed MN-TZM sheets is smaller than the
TZM alloy sheets.

The studied Mo alloys contain secondary phase particles, in which
case the deformation is hindered by the secondary phase, and the
presence of the secondary phase also tends to nucleate cracks. Smith
considered the effect of secondary phase particles on brittle material
fracture and proposed the following model [44]:

2

CO 2 4 C() K Ti 4Ej/P v

— -+ + - — — > 00—

(d) o el ﬂ(d .| T |x(l—=v?)d ©)

Here, Cy is the thickness of the secondary phase particle, d is the
grain diameter, oyis the cleavage fracture stress, 7, = 7 — 7, where 7 is the
shear stress and t; is the lattice resistance, E is the elastic modulus of the
material, yp is the effective surface energy, and v is the Poisson’s ratio.

Combining Egs. (5) and (6), the critical stress for crack propagation
at room temperature can be obtained from the energy balance condition.
That is, the fracture stress is o7 [44]:

o — 8Gyp 17}
T R (1= G

Egs. (4) and (7) introduce the structural factors of the material into
the fracture process, which illustrate the influence of the thickness Cy of
the brittle secondary phase particles on the critical cleavage fracture
stress. The larger the size of the secondary phase, the smaller the critical
cleavage fracture stress of the material. In other words, materials con-
taining large-scale secondary phase particles are more prone to brittle
fracture. The average secondary phase particle size and average grain

)
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Fig. 6. (a) Room temperature true stress-strain tensile curves of the MN-TZM and TZM alloys, (b) Yield strength versus total tensile elongation of MN-TZM compared
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tation of the references to colour in this figure legend, the reader is referred to the web version of this article.)
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Fig. 7. Room temperature tensile fracture surfaces of Mo alloys: (a), (b) MN-TZM alloy; (c), (d) TZM alloy.

size of the studied annealed MN-TZM alloy sheets are smaller than the
TZM alloy. From Egs. (4), (5), and (7), TZM alloys are more prone to
brittle fracture.

In addition, if the identical secondary phase particles are uniformly
dispersed in the matrix, the effect of crack nucleation will be signifi-
cantly reduced. However, with the growth of the secondary phase par-
ticle, the effect of crack nucleation increases gradually, which is closely
related to the shape of the secondary phase. When the elastic strain
energy of the particles reaches the surface formation energy under load,
the interface will generate a new surface by releasing the strain energy.
The corresponding energy can be expressed as [36]:

o (Ey/ d) ' ®)

Here, o is the applied stress, 7 is the stress concentration factor, y is
the interface fracture energy, E is the elastic modulus, and d is the
particle diameter of the secondary phase. It can be seen from Eq. (8) that
the larger the particle size of the secondary phase in the alloy, the easier
it is for cracks to nucleate.

From Fig. 3¢, d, the MN-SP particles of the MN-TZM alloy maintain a
spherical shape after rolling. The M-SP particles in the TZM alloy are



S.-L. Li et al.

destroyed and exhibit an irregular shape due to the large load area. It
can be concluded from Fig. 8 that when the dislocations are packed
around the secondary phase, the fine spherical particles of the secondary
phase are equivalent to microscopic pores, which promotes ductile
fracture of the material. Irregular, fractured, large-scale secondary
phases are equivalent to microcracks, which contribute to brittle frac-
ture in the material.

3.5. Deformation mechanism of the MN-TZM alloy

3.5.1. Stacking fault energy analysis

EBSD and TEM characterization of the tensile specimens tested to
different maximum strain was performed to investigate the deformation
mechanism of the two Mo alloys at room temperature. As seen in Fig. 9a,
b, corrugated slip bands (yellow curves) were found in the MN-TZM
alloy at 3% strain. This is considered a cross-slip of screw dislocations
and dislocation tangle (TG). Studying the stacking fault energy of ma-
terials helps reveal the slip process of dislocations. Stacking fault energy
usually refers to stable stacking fault energy. Scholars have used various
methods to study the stable stacking fault energy, including experiments
[45] and theoretical calculations [46]. However, some scholars [47]
pointed out that the stable stacking fault energy alone cannot explain the
dislocation nucleation mechanism.

Generalized stacking fault energy (ygsr plane) includes stable
stacking fault energy and unstable stacking fault energy, which can
better reflect the slip properties of metal crystals. The generalized
stacking fault energy refers to the energy difference per unit area in the
stacking fault process of the two structures constituting the supercell
along the slip vector u from u = 0 to u # 0. The maximum value on the
yesr plane is the unstable stacking fault energy y,s, which not only plays
a key role in the structure of the dislocation nucleation point but also
determines the difficulty of the slip process. The larger the y; is, the
more complex the slip of dislocations is, and the more difficult it is for
the material to undergo shear deformation. Hao [48] et al. used the first
principles based on density functional theory to calculate the general-
ized stacking fault energy when compressive and tensile stresses were
applied to the bcc Mo metal. Due to the periodic arrangement of crystals,

Fine spherical
- secondary phase

International Journal of Refractory Metals and Hard Materials 112 (2023) 106152

the generalized stacking fault surface energy y(u) satisfies the following
symmetry transformation:

y(R+u) = y(u) 9

Here, R is the lattice basis vector, and u is the slip displacement. Hao
[48] calculated the generalized stacking fault surface energy on the Mo
{110} surface by first principles based on the density functional theory
and concluded that (111){110} is the most slippery system in the Mo
metal system. Calculations show that y,s appears at u = 0.5b during
tension. As the tensile stress increases, the y,s in the [110] direction
gradually decreases. The greater the tensile stress applied to Mo, the
more significant the reduction of y,. This indicates that the shear
deformation of the slip system within the material will easily occur after
tensile stress is applied in the [110] direction of Mo. Table 2 lists the
variation of y,s with stress when Mo is subjected to tensile stress in the
[110] and [111] directions. Different from the [110] direction, applying
tensile stress in the [111] direction increases the value of y,5. To sum up,
for Mo, the direction of applying tensile stress perpendicular to the slip
plane will cause Mo to undergo shear deformation easily, thus making
the material brittle. When the applied tensile stress direction is parallel
to the slip plane, the shear deformation of Mo is difficult to occur,
thereby improving the toughness of the material.

It can be seen from Fig. 9d and h that the MN-TZM alloy contains
MN-SP, so the slip of dislocations is less hindered by a single secondary
phase. Dislocations in MN-TZM alloys can even slip through the MN-SP
without changing the original slip direction. The slip directions of dis-
locations in MN-TZM alloys are closer to Mo and proceed along the (110)
direction. Because of this, the y,s in the (110) direction gradually de-
creases during tension of the MN-TZM alloy. This facilitates the slip of
dislocations in the alloy, which ultimately improves the MN-TZM alloy
plasticity. As can be seen from Fig. 9j and 1 that due to the presence of M-
SP particles in the TZM alloy system, it is difficult for dislocations to cut
through the secondary phase, so dislocations must change their slip di-
rections. The slip of dislocations in the (301) direction increases the y;;
in this direction, eventually making the TZM alloy brittle.

In addition, during the deformation of MN-TZM alloy, the total
dislocation is not easy to decompose due to the small hindrance effect of

particle
Irregular coarse
secondary phase
particle a
I——
L Dislocation N T

Low bg rength'interface

/ ) T Tl

h

b

Fig. 8. Schematic diagram of the influence mechanism of secondary phase morphology on crack formation in Mo alloys: (a) Microscopic porosity effect of fine
spherical secondary phase particles, (b) microcrack effect of irregular large-scale secondary phase particles.
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Fig. 9. TEM images of the studied Mo alloys deformed to different maximum strains: (a), (b), (c) MN-TZM at 3% strain, (d), (e), (f) MN-TZM at 9% strain, (g), (h), (i)
MN-TZM 15.1% strain, (j) TZM 1.3% strain, (k) TZM 3.9%, strain and (1) TZM 6.6% strain.

Table 2
The unstable stacking fault energy (eV/A2) of Mo after applying tensile stress in
the [110] and [111] directions [48].

0 GPa 1 GPa 3 GPa 5 GPa
[110] 0.10801 0.10601 0.10162 0.09708
[111] 0.10801 0.10851 0.11306 0.11673

a single MN-SP on dislocation. When a dislocation encounters a MN-SP
during slip, it can continue to move by cross-slipping or through the
second phase until it meets other dislocations that are slipping to form a
dislocation tangle (dislocation net), as shown in Fig. 9a, b, ¢, d, f, g, h,
and i. Due to the existence of M-SP, TZM alloy is difficult to occur
dislocation cross-slip, and the motion of the dislocation configuration is
poor, as shown in Fig. 9j, k, and L.

3.5.2. Deformation mechanism

The EBSD analysis of the studied Mo alloys in the annealed state is
shown in Fig. 5. Combined with Fig. 10, it can be found that the average
grain size of the MN-TZM alloy in the annealed state is 1.43 + 5.4 pm.
When the strain is 9%, it is 1.82 + 4.7 pm. The grain size increases with
the strain, indicating that the deformation of the MN-TZM alloy at the
initial deformation stage is dominated by the slip of dislocations within
the grains. From Fig. 9d, e, and f, it can be seen that the dislocation is
cutting through or bypassing the MN-SP. By comparing Fig. 5b and
Fig. 10b, it can be seen that the KAM value in the MN-TZM alloy with 9%
strain is slightly lower than that of the rolled sheet, indicating that the
slip of dislocations in the alloy is not significantly hindered, and thus
does not increase the dislocation density. The deformation will cause an
increase in the ratio of grain boundaries at small angles in the alloy. By
comparing Fig. 5¢ and Fig. 10c, it can be seen that with the increase of
strain, the ratio of small angle grain boundaries in MN-TZM alloy de-
creases by 17%. This shows that although the strain of MN-TZM alloy
reaches 9% at this stage, the slip of dislocation inside the grain is not
significantly hindered, which makes the grain of MN-TZM alloy gradu-
ally increase with the stretching so that the large angle grain boundary

ratio increase. By comparing Fig. 5d and Fig. 10d, it can be seen that the
substructure region of MN-TZM alloy has increased significantly,
accompanied by a significant decrease in the deformation region. This
shows that in the process of increasing the strain of MN-TZM alloy to 9%,
the deformation mechanism of the alloy is the value-added of the sub-
structure within the grain. In summary, the dislocations in the MN-TZM
alloy are easy to slip over or bypass the MN-SP, thus avoiding premature
saturation of the dislocation density. This process is the main reason the
plasticity of MN-TZM alloy increases by 2.3 times without losing
strength. As the strain increased to 15.1%, the grain size decreased to
1.59 + 4.7 pm. At this time, the MN-TZM alloy contains more low-angle
grain boundaries and larger KAM, and dislocation stacking faults and
dislocation junctions within the substructure continue accumulating (as
seen in Fig. 9g, h, and i). The strain continued to increase, and the sub-
structure density in the MN-TZM alloy system reached a critical value to
generate finer sub-grains. At the same time, the original grains were
broken, eventually leading to material failure.

It can be seen from Fig. 5 and Fig. 11 that strain-induced grain
refinement occurs in the TZM alloy during deformation. However, the
high-angle and low-angle grain boundaries remain almost unchanged
during the entire deformation process, and the sub-structure does not
increase much at the later deformation stage. It shows that in the initial
stage of the TZM alloy tensile deformation, dislocations cannot cut or
bypass M-SP particles, and the dislocation density increases too fast,
resulting in the rapid saturation of dislocation density in the TZM alloy,
resulting in stress concentration. The dislocations cannot be transmitted
smoothly and effectively between grains, resulting in the maximum
strain of only 6.6% in the TZM alloy.

4. Conclusions

In this study, MN-TZM alloys containing MN-SP were prepared using
titanium sulfate, zirconium nitrate, and fructose as raw materials. The
microstructure, tensile properties, and deformation behavior of MN-
TZM alloys were investigated. The main conclusions can be summa-
rized as follows:
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Fig. 10. IPF, KAM, grain boundary, recrystallized, sub-structured, and deformed composition diagrams of the MN-TZM alloy: (a), (b), (c), and (d) 9% strain, (e), (f),

(g), and (h) 15.1% strain.

1) The room temperature elongation of the MN-TZM alloy is 2.3 times
larger than the TZM alloy without loss of strength, reaching 15.1%.
The fracture of MN-TZM alloy exhibits cleavage and ductile tear
characteristics, which is a mixture of cleavage and quasi-cleavage
fracture.

2) The MN-SP is uniformly distributed in the matrix, which has a
stronger hindering effect on both volume diffusion (lattice diffusion)
and grain boundary diffusion during the sintering process than M-SP.

3) The average grain size of the MN-TZM alloy sintered billet is reduced
by 29.7% compared with the TZM alloy. The MN-SP hinders the
grain boundary expansion during the recrystallization of Mo alloys
more strongly than M-SP. Therefore, the average grain size of the
annealed MN-TZM alloy is 24.3% lower than the TZM alloy.

4) The dislocations generated when the MN-TZM alloy is stretched can
easily slip around or through the MN-SP along the (110) direction.
Stacking faults and dislocation junctions in the MN-TZM alloy sub-
structure avoid stress concentrations.
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